The Al-Ag system is thought to be a well-understood model system used to study diffusional phase transformations in alloys. Here we report the existence of a new precipitate phase, ζ, in this classical system using scanning transmission electron microscopy (STEM). The ζ phase has a modulated structure composed of alternative bilayers enriched in Al or Ag.
Introduction
Al-Ag alloys have been studied extensively since last century and now serve as a textbook alloy system [1, 2, 3, 4] . It is a model system to study solid-solid phase transformations for several reasons. First, one of the transformations associated with the decomposition of the supersaturated solid solution involves a structural change from face-centred cubic (FCC) to hexagonal close-packed (HCP) that is straightforward to understand [2, 3] . Second, the atomic size difference between Al and Ag is negligible, which gives a minimal volumetric strain associated with the solute clustering and phase transformations [5] . In addition, the large difference between the atomic numbers (Z Al = 13 and Z Ag = 47) is particularly favourable for Z-contrast imaging in the transmission electron microscope [6, 7, 8] . Thus, AlAg alloys are often chosen to demonstrate advanced electron microscopy techniques, such as in situ annealing to observe the atomic mechanisms of precipitates growth in real time [9, 10] and electron tomography to reconstruct embedded precipitates with high spatial resolution [11, 12] .
The precipitation sequence in the Al-Ag alloy system is commonly recognised as [2, 3] : α → GP zones ( or η) → γ /γ, where α represents the supersaturated solid solution. Guinier-Preston (GP) zones are the early-stage solute enriched regions. Unlike most aluminium alloys, GP zones in the Al-Ag system form immediately after quenching [13] . Given an asymmetric miscibility gap [13] , two types of GP zones are proposed, with their compositions depending on ageing temperature:
forms at high temperature (> 170
• C) with relatively low Ag concentration (below 44
at.%) while η forms at low temperature (< 170
• C) with relatively high Ag concentration (44 at.%-60 at.%) [13, 14, 15] . GP zone η is thought to be uniform in composition while GP zone is believed to have a core-shell structure and there has been much debate as to whether Ag enriches the core or the shell [5, 16] . The γ phase is a metastable precipitate phase formed before the equilibrium γ phase. Both phases display the same composition (Ag 2 Al) and the same atomic structure (HCP with space group P 6 3 /mmc) but with slightly different lattice parameters [17, 18] . The nucleation and growth of γ require Shockley partial dislocations to accommodate the shear associated with the FCC to HCP transformation [19] .
However, Al has a particularly high stacking fault energy [20] , which means HCP precipitates are generally hard to nucleate. The difficult nucleation inevitably gives a low precipitate number density of γ /γ. As a consequence, Al-Ag alloys have a poor mechanical performance [21] .
Though binary Al-Ag alloys only have limited structural applications, Ag is a popular microalloying element in aluminium alloys. A small amount (from 0.1 at.% to 0.5 at.%) of Ag was found to exert dramatic improvements on the mechanical properties, thermal stability and stress-corrosion cracking resistance of aluminium alloys [22, 23] . This effect is widely seen in aluminium systems, particularly in the high-strength alloys for advanced aerospace and defence applications, including Al-Cu-Mg based alloys and Al-Zn-Mg based alloys [24, 25] .
The underlying mechanisms, however, seem different from case to case. For instance, Ag incorporates within existing precipitate phases and accelerates their nucleation kinetics in Al-Zn-Mg based alloys [26] or Al-Mg-Si based alloys [27, 28, 29] . But in Al-Cu based alloys, Ag segregates at the precipitate-matrix interfaces, which changes precipitation behaviour and also modifies the type of precipitates that form [30] . Field ion microscopy [31, 32] and atom probe tomography [33, 34] have shown that Ag clusters with other solute elements (particularly Mg) at the start of ageing and segregates to {111} Al planes, thus, initiating
the Ω phase but suppressing the S phase in Al-Cu-Mg-Ag alloys. Positron annihilation lifetime spectroscopy (PALS) has also suggested that Ag binds with Mg, Cu and vacancies during ageing [35] . Studies by scanning transmission electron microscopy (STEM) have confirmed that Ag segregation is via one or two layers at the precipitate-matrix interfaces for various precipitates with different alloying compositions, including Ω in Al-Cu-Mg-Ag [36, 37] , θ in Al-Cu-Ag [38] and T 1 in Al-Cu-Li-Mg-Ag [39] . Ag segregation at interfaces is believed to lower the interfacial energy [37, 38] . Ag atoms are also suspected to cluster on {111} Al planes whereas Cu GP zones form on {001} Al planes [40] . However, what drives Ag to cluster before formation of a precipitate is still a mystery. Moreover, how the early-stage clustering modifies the nucleation of precipitates is largely unknown. Accurate descriptions of solute clustering are essential to address one of the most intriguing questions in Al alloys:
why does the minor addition of Ag play a crucial role in precipitation in a wide variety of Al alloy systems [30] ?
With the evidence that Ag facilitates phase transformations for a broad range of aluminium alloys, we hypothesise that this is due to some intrinsic properties of Ag in aluminium. Therefore, we revisited the Al-Ag system and characterised the atomic structures of the different precipitate phases using scanning transmission electron microscopy (STEM).
In particular, we examined the ordering of GP zones and γ precipitates. Surprisingly, we found a new metastable precipitate phase consisting of a bi-layered structure, which we named ζ. Based on our experiments and first-principles calculations, ζ is a metastable phase that forms before transforming into HCP phases. The layered structure of ζ on {111} Al planes is analogous to Ag segregation at the precipitates-matrix interfaces. We find that Ag naturally prefers to decompose from the supersaturated solid solution and aggregate on {111} Al planes.
Experimental and Computational Methods

Sample Preparation
The alloy composition used in this work was Al-1.68 at.% Ag, as cast from high-purity aluminium (Cerac alloys, 99.99% purity) and silver (AMAC alloys, 99.9+%). The pure metals were melted in air at 700
• C in a graphite crucible, stirred and poured into graphitecoated steel moulds. The compositions were measured by inductively coupled plasma atomic emission spectrometry, showing very low levels of impurities [41] . The cast ingots were homogenised at 525
• C for 7 days, then hot-and cold-rolled to 0.5 mm alloys sheets. The samples were in the form of disks 3 mm in diameter and 0.5 mm in thickness, punched from an alloy sheet after rolling. They were solutionised at 525
• C for 30 min in a nitrate salt bath and quenched to room temperature. Different quenching media, including water and oil, were tested to manipulate the quenched-in vacancy concentration before ageing. Then the samples were aged at 200
• C in an oil bath for a range of times (from 30 min to 7 days).
The TEM specimens were made by mechanically grinding the disks and electro-polishing them in a 67% methanol-33% nitric acid mixture at -25 • C and 13 V with a current average of 200 mA.
Electron Microscopy
The alloy microstructure and precipitate atomic structures were characterised by scanning transmission electron microscopy (STEM). In particular, high-angle annular dark-field (HAADF) STEM was performed to exploit the large difference in the atomic numbers be- Compositional analysis was performed on the JEOL 2100F and the Tecnai F20 using energy-dispersive X-ray spectroscopy (EDS). The JEOL 2100F has a JEOL 50 mm 
we can deduce the composition of an embedded precipitate as follows:
where C prec is the deduced composition of the precipitate, C dect is the measured composition, k Ag−Al is the Cliff-Lorimer k-factor between Ag and Al, I dect is the detected characteristic intensities for quantification, t is the thickness of the matrix near the precipitate, d is the diameter of the precipitate and θ is the tilting angle difference between that for the thickness determination and the EDS detection. We checked the k-factor by measuring the composition of the as-water-quenched sample, as the theoretical value stored in the quantification software may easily vary by >10% [43] . The measured composition of 1.8
at.% to 2.0 at.% Ag across the sample is in good agreement with the alloy composition (Al-1.68 at.% Ag). Although errors of the deduced compositions arising from neglecting the geometrical X-ray absorption and fluorescence remain, these errors were found not to be significant for a thin foil: according to mass-energy X-ray absorption calculations [44] , about 2% of the major characteristic X-ray for Ag (L α =3 KeV) is absorbed by the Al matrix for a 100 nm-thick sample. Thus, the results should still be comparable between two different phases. Furthermore, the composition of one of the phases (GP zone ) is already known from the phase diagram [45] and many previous experiments (see for example Ref. [46] ).
STEM Image Simulations
HAADF-STEM simulations were performed using the µSTEM software [47] , implementing the multislice method with quantum excitation of phonons to incorporate elastic and inelastic phonon scattering. The simulations used the optimised crystal structures of Al and ζ, obtained using first principles density functional theory methods (see below). Each slice had a thickness of 1.485Å and the total sample thickness was modelled from 100Å to 600Å. Microscope parameters were matched with the experimental settings of Titan 3 as specified above.
The experimental and simulated images were analysed using ImageJ software. The brightness of the simulated images was scaled linearly to the same dynamic range as the experiment. The contrast was then adjusted to that of an experimental image by modifying the gamma correction value (Γ). The intensity was given by I = I Γ , where I is the output intensity, and I is the input intensity. Except the brightness and contrast adjustments, no other image manipulation were performed.
Lattice displacements relative to Al matrix: calculations and mapping
Geometric phase analysis (GPA) filters a lattice image according to the peaks in its fast
Fourier transform (FFT) and compares that image to a reference lattice to resolve local strain in real space [48] . GPA has demonstrated an excellent spatial accuracy in agreement with classical strain theory [49, 50] . In this study, as the ζ precipitates have a super lattice of FCC aluminium and are coherently embedded within the matrix, the value calculated by GPA reflects the lattice displacements relative to FCC Al for both the precipitate phase and the matrix. An experimental STEM image with a pixel size of 1024 × 1024 was used as input,
where Al matrix away from the precipitate in the same image was used as the reference. The theoretical values of lattice displacements for bulk ζ phase were calculated by comparing the the DFT-optimised structure of ζ (see details in DFT methods) in reference to the DFT-optimised Al lattice parameter using elastic strain calculation [51] in Ovito software [52] .
The lattice parameter values of aluminium obtained from both experimental measurements (4.04 ± 0.05Å) and DFT optimisation (4.05Å), as the reference for both calculations, were in good agreement. The linear scanning distortion was corrected with a standard gold cross-grating sample before imaging for geometric phase analysis. Because STEM moves the probe in a raster, scanning artefacts arise due to the time delay between measurements and accumulated error in probe position [53] . The noise, usually non-linear in nature due to the external field, is more predominant in the slow scanning direction comparing to the fast scanning direction. The non-linear scanning distortion was corrected with image pairs in orthogonal scan directions using the algorithm described in Ref. [53] . The uncertainties in our GPA results were better than ±1% after the distortion correction. Note that the atomic size difference between Al and Ag is negligible (about 0.5%). Therefore, our geometric phase analysis is not sensitive to the composition. However, it is sensitive to any structural change larger than 1%. All the calculated images were colourised with the same scale from -7%
(contraction) to 7% (extension) for visualisation.
Density Functional Theory Calculations
First-principles density functional theory (DFT) calculations were performed using the Vienna Ab initio Simulation Package (VASP) [54] using the generalised gradient approximation of Perdew, Burke, and Ernzerhof (GGA-PBE) [55] with projector augmented wave potentials [56, 57] . Geometrical relaxations were performed to optimise the supercells until to simulate the effect of an infinitely large Al matrix. The ζ phase was investigated by assuming each bilayer was pure Ag or Al, which resulted in a composition of AgAl. The embedded ζ phase was calculated by the sandwiched structure of AgAl with the Al matrix using the supercell as described above. The γ phase was calculated using the model by
Neumann [18] with lattice parameters constrained to experimental measurements [41] . The bulk phases of Al, Ag, ζ (AgAl) and γ (Ag 2 Al) were fully optimised; their calculated lattice parameters were in good agreement with experiments [18, 19] and their formation energies were consistent with previous calculations [59, 58] .
Results
Atomic Structure: HAADF-STEM Imaging, Simulation and Analysis
An Al-1.68%Ag alloy aged at 200
• C for times varying from as-quenched to 7 days exhibits the microstructure expected from previous studies [21, 60] : finely distributed Ag-enriched coherent precipitates known as GP zones and sparsely distributed γ precipitates. where the darker columns correspond to Ag depletion. This observation is consistent with earlier X-ray [5] and STEM results [7] that show Ag depletes in the core and enriches in the shell. However, the detailed structure of can be considered as a multiple core-shell complex, rather than the simple model with one core as proposed previously [5] . These GP zones are likely the growth product of small Ag clusters. Fig. 1(d) shows that small Ag enriched clusters with few atoms readily exist in the as-quenched state due to decomposition, in agreement with work published over 50 years ago [13] .
The chemical inhomogeneities within GP zones develops gradually by diffusion of Ag in Al. Fig. 2 (a-c) shows GP zones are more homogeneous at the early stage in the oil quenched sample. Fig. 2 (c-e) shows that Ag on {111} Al planes becomes increasingly ordered, while the widths of the Ag depletion regions remains relatively constant at about two to four {111} Al layers. This unique behaviour will be explained with first-principles calculations in a later section. The purpose of oil quenching was to reduce the quenched-in vacancy concentration to suppress the formation of γ and preserve the growth of GP zones (see the different precipitation behaviours between water quenched and oil quenched samples in Fig.   S2 in the Supplementary Material). This process enabled us to obtain large GP zones with diameters up to 25 nm (see Fig. 2 (e)) that were subsequently used in the following in situ annealing in the TEM. Fig. 3 shows the microstructural change of the alloy containing large GP zones after 7 days ageing at 200
• C before and after the secondary ageing within the electron microscope.
A transformation occurred within a GP zone after a short time (3 min) annealing at 200
• C inside the microscope, as shown in Fig. 3(a-b) . This transformation did not occur for every GP zone, and the density was not uniform across the sample. Results show that, without the interaction with the electron beam, newly formed layered structure and γ precipitates were still found (see Fig. S5 in the Supplementary Material). In many cases, γ precipitates formed inside GP zones and introduced Ag depletion at their coherent interfaces ({111} Al/ {0001} γ ). As shown in Fig. 4(c) , the widths of the Ag depletion gaps are about two to three atomic layers. Away from the coherent interfaces of γ precipitates, Ag enriches and then depletes again in a specific frequency that is similar to the modulation of ζ, suggesting these regions are poorly ordered version of ζ phase. The precipitates, ζ and γ , transformed from GP zones, can be easily found on a large scale after in situ annealing (see Fig. 3(c) ). However, these structures are rarely found in samples obtained using conventional heat treatment with one example shown in Fig. 4(d The metastable ζ phase will eventually transform into HCP γ . This is evident by Fig. 5 where the transformation during in situ annealing was recorded. Precipitation of ζ accompanies γ in most cases, but some isolated examples of ζ without γ were also found. A tilt series was performed for a given ζ precipitate as shown in Fig. 6 . It is hard to preclude the presence of Ag in the Al-enriched columns, but there is a distinct possibility that beam spreading [62] causes the increase in intensity. The matrix above and below the precipitate would lower the contrast between the Ag-enriched and Al-enriched layers compared to the model. Besides, the atomic positions of bulk Al differs from that of ζ in both experiments and simulations, which means that matrix above and below the precipitate might blur the HAADF-STEM image of atomic columns for an embedded ζ.
The µSTEM algorithm takes no account of source size that also significantly blurs any experimental STEM image. But the HAADF-STEM intensity is dominated by Ag, and hence those effects should not change the validity of our results.
The modulation in the chemical composition by 4 (2 Ag and 2 Al) and the stacking ordering by 3 (ABCABC) require at least 12 {111} Al planes to achieve the periodicity of ζ, as shown in the atomic structure in Fig. 7(b) . The bi-layered AgAl model of ζ is a trigonal crystal with a space group of R3m (hexagonal axes). The lattice parameters for the bulk ζ phase are a DFT =2.97Å and c DFT =26.88Å after DFT optimisation, which agree reasonably well with the experimental measurements for embedded ζ precipitates of a exp =2. in the Supplementary Material. Fig. 8(c) shows the displacements in the direction normal to ζ basal planes have a clear modulation in both the GPA result and the DFT-optimised structure. Within the ζ phase, the local contraction of the lattice is significant at the Al sites as deduced from both GPA and DFT (GPA: -6.5% and DFT: -6.6%), but less at the Ag sites (GPA: 0% and DFT: -1.9%). This remarkable lattice variation between the bilayers of a ζ precipitate is not due to the atomic size difference between Al and Ag; instead, it is a result of different spacings of the basal planes in ζ phase. Specifically, the interplanar distance between Al-Ag in ζ phase is greatly decreased to 2.26Å compared to the spacing of 2.34Å between {111} Al planes, as shown in Fig. 7 . The chemical composition has to be significantly different between the sequential bilayers to cause a change of the bond length, which also demonstrate the validity of our model regarding the atomic positions. The displacements are small in the direction along the basal planes of ζ (GPA: 0.8% and DFT: 1.8%) in Fig. 8(d) and negligible in the shear direction in Fig. 8(e) , which also represents good agreement between GPA and DFT. Finally, the ζ precipitate is coherent within the matrix without any misfit dislocation as evident from the BF-STEM image (see Fig. 8(a) ). The remaining GP zone (as labelled in Fig. 8(b) ) is almost strain-free in all directions, as shown in Fig. 8(c-e) .
Energetics: First-principles Calculations, Strain Energy and Entropy
The clustering process during the decomposition of the solid solution is governed by the gives ζ precipitates a higher strain energy comparing to GP zones . Based on elastic theory for a spherical precipitate with anisotropic strain, the strain energy contribution E e of an embedded ζ precipitate is estimated using the following equation as
where µ is the shear modulus, which is assumed to be the same for both the ζ precipitate and aluminium matrix; δ is the averaged strain along 001 ζ 111 Al , given the strains in other directions are negligible. Here we assume that Poisson's ratio is 1/3 for both the matrix and the precipitate. V is the atomic volume of ζ, i.e. the ratio of the unit cell volume and the number of atoms within the cell. The strain energy is estimated to be 3 meV/atom, or 6 meV/Ag atom with the composition of AgAl. Also, GP zones have a higher configurational entropy due to the chemical inhomogeneities, in contrast to a wellordered phase like ζ phase. The entropy of GP zones is hard to estimated with the complex structure, but the value should be in between of that for a well-ordered phase and an ideal mixing alloy using the equation
where ∆S mix is the mixing entropy of the binary alloy, k B is the Boltzmann constant, X is the 
Discussion
The bilayer phase first reported herein is a new phase in the Al-Ag system. We propose to name it ζ phase, by analogy with the patterned skin of the zebra. HAADF-STEM images show a clear picture of Ag ordering on {111} Al planes starting from a small cluster to a large GP zone (see Fig. 2 ). The positive defect energy of Ag in aluminium is consistent with previous calculations [64] that explains the driving force for the decomposition [13] . For comparison, Au has almost an identical size to Ag, yet Au displays a very negative defect energy in Al [65] . It is the electronic difference between Ag and Au in aluminium that leads to completely different clustering and precipitation behaviours, either in the binary alloys [65] [this work] or when they are added to Al-Cu alloys [38, 66] . Our DFT calculations also illustrate the preference of Ag aggregation on {111} Al planes in Al-Ag binary alloys, which also occurs at the early stage of ageing in Al-Cu-Mg-Ag alloys [31, 33] and Al-Cu-Li-Mg-Ag alloys [67] . During ageing, {111} Al planes enriched in Ag within GP zones begin to move away from each other and form Ag depletion regions as shown in Fig. 2 . The ordering of Ag clearly increases with ageing time, while the depletion width remains about two to four {111} Al layers. The unique clustering behaviour can be understood from our DFT calculation that Ag prefers to be on {111} Al planes but not with the {111} Al planes close to each other. The favourable spacing is around two to four Al {111} Al planes, which is in excellent agreement with our experiments. The local ordering within GP zones develops faster in the water-quenched sample than the oil-quenched sample, because more quenchedin vacancies are present to mediate diffusion. Ag needs diffusion to achieve the long range ordering exhibited by the bi-layered ζ phase to further lower the energy of the system.
Based on DFT alone, one cannot rationalise the difference in ζ phase formation between conventional heat treatments and in situ annealing experiments. The free energy landscape locates the transformation pathways between different phases. After considering the strain energy and the entropy contribution, there is almost no energy difference between GP zone and the ζ phase. But the rearrangement of Ag atoms associated with the -ζ transformation is expected to have a high energy barrier. Therefore, the local energy minimum state of ζ is hardly visited during the precipitation in Al-Ag alloys. However, the experimental fact that GP zones transform to the ζ phase and eventually γ phase demonstrates that the free energy of ζ phase is indeed lower than that of phase. It means that their thermal histories must be taken into account to understand different phase transformation pathways. We is rarely observed using conventional heat treatments, given the extensive studies on this system in the last century. Often the reaction within the thin TEM specimen differs from that in the bulk, both due to the surface effect and the electron irradiation. Electron irradiation indeed can substantially lower the energy barrier for diffusion of vacancies, as we quantitatively measured in our recent study of in situ annealing of voids in aluminium [68] .
However, according to our in situ annealing experiment without electron beam, ζ and γ were still found to form within GP zones (see Fig. S5 in the Supplementary Material). This demonstrates that electron beam irradiation is not responsible for those transformations.
When considering surface effects, there is a depth dependency of the vacancy formation energy at the Al surface [69] . In general, a vacancy has a lower formation energy at the surface than in the bulk, which leads to a vacancy flux from the surface to the bulk. Diffusion calculations using Fick's equations similar to what was used in our previous work [68] suggest that such a vacancy flux can be significant for an ultra-thin sample at a temperature higher than 100
• C, as was the case for in situ annealing experiments. The fact that small GP zones shrink during in situ annealing is an indication of such vacancy flux (see • C) [46, 45] before transforming into HCP γ / γ ( 67 at.% Ag) [18, 19] . Fig. 3 and Fig. 5 clearly show that ζ is an intermediate phase between
GP zone and γ . The absence of shear in ζ minimises the energy barrier for its formation, which is considered to restrict γ nucleation [60] . Previous calculations also have shown that pure Ag layers lower the stacking fault energy in Al [70] , which offers a pathway for a ζ to γ transformation. However, some questions are still open regarding the relationship between ζ and γ . Although the tilt series indicates that ζ can form independently from γ (See Fig. 6 ), the two metastable phases are generally seen in association with one another (Fig. 3(b-c) , 4, 5) . The in situ movie also suggests that the formation of one phase may assist in the nucleation and/or growth of the other. However, the transformation from ζ to γ is not understood yet at the atomistic level. We have seen ζ absorbed by an existing γ assembly in Fig. 5 , instead of initiating new ζ precipitates. In the previous phase diagram [45] , there is no intermediate phase in the composition range between Ag 2 Al and Al except the metastable GP zones. However, several possible structures with the composition of AgAl were predicted using cluster expansions of DFT results [71] . But all the predictions were HCP structures (ABAB stacking). The large periodic size of ζ along 001 ζ 111 Al means such structures are difficult to predict via the cluster expansion method. This points out the importance of atomic resolution electron microscopy for providing critical structural information for atomistic calculations.
The ζ phase in the Al-Ag system has structural similarities with layered Ag segregations to precipitate interfaces in various aluminium alloys. It is very interesting that Al-Ag alloys have a poor mechanical performance but numerous aluminium alloys with a minor addition of Ag constitute the strongest and most thermally stable series [24] . Taking the famous example of Al-Cu-Mg-Ag alloys, the Ω phase is responsible for their outstanding mechanical performance and thermal stability [24] . The Ω phase is considered as a distorted θ (Al 2 Cu) on {111} Al , which is originally body-centred tetragonal forming on {100} Al planes [72, 73] .
To reorient Cu atoms from {100} Al planes to {111} Al planes, Mg is essential to minimise the misfit of the Ω phase along its c-axis, which can be as large as -9.3% matching half unit cell of the Ω phase with multiples of {111} Al d-spacing [37] . Indeed, the Ω phase is not found in Al-Cu or Al-Cu-Ag alloys [38] , and only very few Ω precipitates appear in Al-Cu-Mg alloys where the dominant precipitate phase is the S phase [24, 25] . However, this fact as well as our unpublished DFT calculations [74] suggest Mg itself does not have much tendency to drive the segregation of Cu atoms on {111} Al . As we have shown above that Ag prefers to aggregate on {111} Al planes in aluminium (see Table 2 ). Furthermore, Ag and Mg are known to interact strongly [30] . The addition of Ag attracts Mg to the {111} Al planes, which greatly promotes the Ω phase and suppresses the S phase. This is evident by the existence of a mono-layer of Ag associated with a mono-layer of Mg at the coherent interface of Ω-Al; such interfacial phase can independently exist at the early stages of precipitation [37] . Precipitates nucleate from solute clusters, and hence the determination of the location of the clusters is important. As Ag decomposes quickly from the solid solution and interacts strongly with other solute elements and quenched-in vacancies, the preference of Ag aggregation provides a special kind of heterogeneous nucleation site. The nucleation sites are strongly biased on {111} Al planes, thus giving Ag the ability to modify subsequent precipitation. Interestingly, Ag also aggregates on {0001} planes in Mg ({0001}/{111}
planes are the close-packed planes in HCP/FCC), stimulating precipitation in magnesium alloys [75, 76] . It is not the purpose of this paper to unify the microalloying mechanisms of Ag in aluminium, but we hope the present study on the Al-Ag binary system will provide a useful reference to the phase transformations of complicated aluminium alloys containing Ag. Particularly, the preference of specific crystallographic planes for Ag aggregation may shed light on its microalloying effects in aluminium.
Conclusion
We performed scanning transmission electron microscopy to examine the phases and phase transformations in an Al-1.68 at.% Ag alloy. The energetics of Ag clustering within aluminium were studied by density functional theory. The main conclusions are as follows:
1. We discovered a new precipitate phase which we named ζ in the Al-Ag system. The 
